The early stages of formation of intermetallic compounds (IMC) have been investigated in dissimilar aluminum to steel welds, manufactured by high power (2.5 kW) ultrasonic spot welding (USW). To better understand the influence of alloy composition, welds were produced between a low-carbon steel (DC04) and two different aluminum alloys (6111 and 7055). The joint strengths were measured in lap shear tests and the formation and growth behavior of IMCs at the weld interface were characterized by electron microscopy, for welding times from 0.2 to 2.4 seconds. With the material combinations studied, the g (Fe 2 Al 5 ) intermetallic phase was found to form first, very rapidly in the initial stage of welding, with a discontinuous island morphology. Continuous layers of g and then h (FeAl 3 ) phase were subsequently seen to develop on extending the welding time to greater than 0.7 second. The IMC layer formed in the DC04-AA7055 combination grew thicker than for the DC04-AA6111 welds, despite both weld sets having near identical thermal histories. Zinc was also found to be dissolved in the IMC phases when welding with the AA7055 alloy. After post-weld aging of the aluminum alloy, fracture in the lap shear tests always occurred along the joint interface; however, the DC04-AA6111 welds had higher fracture energy than the DC04-AA7055 combination.
I. INTRODUCTION
OWING to the growing environmental pressure to reduce the weight of vehicles, there is a considerable interest in the production of more mass efficient multi-material structures by combing aluminum and steel in advanced automotive construction. [1] [2] [3] [4] [5] Unfortunately, conventional fusion welding processes do not currently meet industrial requirements for dissimilar metal joining. This is primarily because a high rate of intermetallic reaction occurs in the liquid phase, which leads to poor properties and, in particular, low joint fracture toughness levels. [1] [2] [3] High power ultrasonic spot welding (USW) is a promising new solid-state process that could potentially be substituted for resistance spot welding and can reduce the tendency for intermetallic formation, because no liquid phase is generated. [5] [6] [7] [8] However, the success of any new dissimilar joining technology is also dependent on other considerations such as the operating costs, cycle time, reliability, and weld quality. [7] [8] [9] Previous studies [5] [6] [7] [8] [9] [10] have demonstrated that even with a rapid solid-state welding process, like USW, one of the most critical issues is still controlling the intermetallic reaction that occurs at the weld interface. This is because intermetallic compounds (IMCs) are very brittle and a continuous IMC interface layer severely compromises the joints fracture energy if it becomes greater than~100 nm thick. [2] [3] [4] [5] [6] [7] [8] [9] [10] Although it is thermodynamically possible to produce a range of IMCs in the Al-Fe system, [10, 11] the g (Fe 2 Al 5 ) phase is most predominantly reported in aluminum-steel dissimilar welds made with both friction and fusion processes. [12] [13] [14] [15] [16] [17] This is thought to be partly due to a favored crystallographic habit orientation with ferrite ([110]g//[111] Fe , (001)g//(0 11) Fe , (1 10)g//(2 1 1) Fe .) which facilitates nucleation of g. [18] To date, most of the research that has studied IMC reaction kinetics in Al-Steel couples has focused on the growth rate of continuous IMC layers developed after long welding times, or extended isothermal treatments. [18] [19] [20] [21] In contrast, industrial spot welding typically takes place in less than 1 second. It is therefore important to systematically investigate the early stages of IMC formation at short weld durations and, in particular, when the reaction layer is still discontinuous at the weld interface. In addition, it has been shown in USW that the growth rate of IMC layers can be abnormally rapid (compared with that observed in a static diffusion couple) as the high-strain-rate deformation that occurs during the welding process can accelerate diffusion along the IMC interface and damage the reaction layer, which reduces its effectiveness as a diffusion barrier. [6, 7] It is also known that in dissimilar welding the composition of the weld members can strongly affect intermetallic phase formation at the joint interface (e.g. in References 18, 22) , although the relationship to many common alloy additions still remains poorly understood.
To shed further light on the influence of some of these important factors, on the potential for producing high-integrity joints by USW of steel to aluminum, two different aluminum alloys have been used to study the effect of changing alloy composition on the early stages of IMC formation and the consequent mechanical performance of the welds produced. The AA6111 and AA7055 alloys chosen for this investigation were selected because they are typical of age-hardenable aluminum alloys used in the automotive and aerospace industries, respectively. [5] [6] [7] [22] [23] [24] [25] [26] II. EXPERIMENTAL
A. Materials
Ultrasonic spot welds were produced between a DC04, 0.08 pct carbon, formable, automotive steel and two aluminum alloys (AA6111 and AA7055) using 25 9 100 mm rectangular coupons, cut from 1-mm-thick sheets (see Figure 1) . Welding was performed with the aluminum alloys in a solution-treated condition. The chemical compositions of the materials used are given in Table I . Prior to welding, the sheet surfaces were prepared by grinding with #120 grit SiC paper and then cleaning in acetone. The welds were produced with a Sonobond dual-head spot welding system at the center of a 25 mm overlap (shown in Figure 1 ). The welding system was operated at 21 kHz and the joints were produced using a nominal applied power of 2.5 kW, with a clamping pressure of 1.4 kN. All the welding parameters are provided in Table II. A flat 8 9 6 mm rectangular sonotrode tip was used on the aluminum side of the joint, while the tip on the steel side was 10 mm in diameter and had a 50 mm radiused surface. Both tips had a parallel knurl pattern on their surfaces with a pitch of 1 mm (see Figure 1(b) ).
Following welding, artificial aging was carried out to obtain T6 tempers in both aluminum alloys. For the AA6111-DC04 combination, this involved heat treating for 24 hours at 453 K (180°C), [27] while for the AA7055-DC04 joints, aging was performed at 273 K (100°C) for 8 hours, followed by 24 hours at 393 K (120°C). [28] Long-term isothermal annealing was also applied to lightly pre-welded weld couples (weld time 1 second) at 723 K (450°C) to compare the growth rates of the IMC layer in both material combinations.
B. Microstructural Characterization
Metallographic cross sections were prepared from the welds by grinding and polishing using standard techniques, prior to observation by scanning electron microscopy (SEM). Back scatter imaging in a Philips XL 30 and FEI Quanta 650 microscopes was used to study the IMC layer growth behavior at the center of the weld area and measure the layer thickness. The average layer thickness was determined from the net area of the IMC layer seen in a 2D metallographic section divided by the interface length. This method was employed as, for short welding times in particular, the IMC reaction layers were not uniform in thickness. Electron back scatter diffraction (EBSD) with a crystallographic electron diffraction database was used to identify the phases within the IMC layer and determine their grain structure and microtexture. This analysis was performed on weld cross sections using a high-resolution FEI Megallan FEG microscope, following final ion beam polishing in a Gatan Ilionä system. TEM was also used to confirm the crystal structures and compositions of the IMC phases present at the interface samples and to check for the presence of minor phases not resolvable by SEM. TEM samples were prepared from selected positions using a Novalab 660 focussed ion beam with a Ga + ion accelerating voltage of 30 kV. Analysis was performed using an FEI Tecnai TF30 microscope operating at 300 kV.
C. Mechanical Testing
Lap shear testing of the weld samples was performed using an MTS Alliance RT-100 mechanical testing machine with a 50 kN load cell. Metal shims that matched the sheet thickness were used to ensure axial loading. All tests were performed at a crosshead travel speed on 0.5 mm min À1 . Three tests were carried out for each welding condition and only the average values are reported in this study. Both the peak failure loads (kN) and the fracture energy (kN mm) were used to compare the joint performance. The fracture energy was estimated from the integrated area under the load displacement curves in the lap shear tests. After testing, the fracture surfaces were investigated by SEM and energy-dispersive X-ray spectroscopy (EDX).
D. Temperature Measurement
Thermocouple measurements were made during USW to determine the interface temperature histories, for different welding times. For each welding condition, welds were produced with a 0.5 mm wire diameter K-type thermocouples placed between the lapped aluminum and steel sheets. The thermocouples were insulated with PTFE tape and inserted prior to welding through a small channel in the aluminum sheet, transverse to the vibration direction, with the tip located at the joint interface at the center of the spot area. The thermocouples became integrated into the weld, as shown in Figure 1(c) . The peak temperatures recorded were the average of three tests, where the location of the thermocouples' tip was confirmed to be in the center of the welding area by post-weld metallographic sectioning.
III. RESULTS

A. Temperature Histories
Figure 2(a) shows examples of typical temperature histories measured from each joint interface, at the center of the weld area, and the average peak temperatures reached with increasing welding times are Figure 2(b) . The thermal data were only used if, in post-weld sample sectioning, the position of each thermocouple after welding was found to be within 1 mm of the weld center, where the temperature is relatively uniform. [5, 6] The consistency seen in the heating stage in Figure 2(a) , where all the curves fully overlap, gives confidence in the repeatability of the measurements. The average peak temperatures were determined from three repeated tests.
As soon as welding was initiated, the temperature rose rapidly at a rate approaching 1000 Ks À1 (°C s À1 ) for the first 0.4 second. For longer welding times, the temperature increased more slowly through the rest of the cycle as a steady state is approached. It can be seen that for welds with duration longer than 1 second the interface temperature exceeded 773 K (500°C). A similar rapid temperature rise has been measured using thin-film microsensors placed at the interface in USW of copper battery tabs by Zhao et al. [29] After the power was turned off, the temperature initially dropped rapidly down to 573 K (300°C) before then decaying more gradually to room temperature. The two aluminum alloys used in the present study did not produce significantly different temperature histories, although there was a minor systematic difference in the peak weld temperatures. Welds produced under the same conditions with the 6111 alloy combination were consistently around 5 K to 8 K (5°C to 8°C) hotter than for the AA7055-DC04 Steel samples (Figure 2(b) ).
B. Weld Characterization
Following welding, the interface between the aluminum and steel weld members was analyzed by electron microscopy at increasing resolution (Figures 3, 5, and 6). Figure 3 shows macro-views of typical cross sections of the joints made by USW, produced with the two material combinations for a weld time of 1.5 seconds. In the weld area, both parent metals were deformed by the sonotrode tip teeth sinking into the sheet surfaces, and this macroscopic deformation was transmitted directly through the samples, resulting in a slightly wavy interface and local variation in the contact pressure. [7] Therefore, in order to take into account the effect of varying contact conditions along the join line, in all samples the IMC layer thickness was averaged over the central region shown by the black box in Figure 3 . It can be noted that for the AA7055 alloy the sheet appeared less deformed after welding, due to its higher hardness compared to AA6111, but the cross sections of both joints still had a similar overall profile.
Analysis of the joint interfaces
The development of the IMC interface reaction layer in each sample set was investigated by electron microscopy, as a function of welding time from 0.2 to 2.0 seconds. The average thicknesses of the IMC layers are plotted in Figure 4 and the typical images of the joint interfaces are shown in Figures 5 and 6 . The interface layer developed similarly in both material combinations, although the kinetics were significantly more rapid in the case of the welds produced with the higher strength zinc-containing AA7055 alloy, both during welding and in long-term isothermal heat treatments applied after the samples were joined ( Figure 4 ). In the initial stage of welding (<0.7 second), individual IMC islands formed at the weld interface, with a thickness of less than 200 nm. These small, discontinuous, IMC regions could only be reliably identified using TEM, and an example is shown in Figures 5(a) and (b). The IMC islands were~0.5 to 5 lm wide and a single grain thick, with the grains themselves being elongated along the interface. As the welding time increased above 0.7 second, the IMC islands merged into an irregularly thick, continuous, layer. At the maximum welding time used of 2.4 seconds, the IMC layer had still only reached 2.0 and 2.5 lm thick in the AA6111-DC04 and AA7055-D04 welds, respectively.
In the first stage of IMC development, the intermetallic islands were identified in the TEM by selected area diffraction (SADP) to consist entirely of g (Fe 2 Al 5 ) phase ( Figure 5(b) ). In the second stage, the thicker continuous IMC layer that formed became identifiable in SEM images by its intermediate back scattered contrast relative to the parent materials (Figures 5(c) and (e)). At a higher resolution, for welding times greater than 1 second, a dual-layer IMC structure was identified in both material combinations that consisted of continuous layers of h (FeAl 3 ) and g (Fe 2 Al 5 ) phase. These two distinct layers were indexed both by TEM SADP (Figures 5(c) and (e)) and high-resolution EBSD ( Figure 6 (a)). As expected, [2] [3] [4] [5] [6] the phase with the highest iron content (g À Fe 2 Al 5 ) was found to be located on the steel side, and that with the highest aluminum content (h À FeAl 3 ), on the aluminum side of the joint interface. In both sets of welds, as the reaction layer grew thicker, the two IMC phases developed a columnar grain structure ( Figure 6 (a)) and, although there was strong local variation, the fraction of each phase present was approximately similar. Furthermore, the pole figures shown in Figure 6 reveal that the g phase developed a fiber texture with the [001] direction preferentially orientated in the direction of columnar growth (i.e., normal to the interface plane). The monoclinic h À FeAl 3 phase also appeared to have a weak fiber texture, with its [010] direction aligned preferentially approximately normal to the joint interface ( Figure 6(c) ), although because it is only possible to map small sections of interface it was difficult to obtain statistically valid data to confirm the texture strength.
In Figure 7 , results from EDX composition line scans, obtained by TEM across the IMC interface layers, are shown after a weld time of 1.5 seconds. It can be seen that the measured Fe-to-Al ratios are consistent with the presence of two sub-layers of composition FeAl 3 , and Fe 2 Al 5 , as identified by SADP. However, more importantly, the EDX profiles show that in the AA7055-DC04 welds zinc was measured to be dissolved in both IMC phases at a concentration of approximately 1 to 2 at pct. In contrast, no other alloying element was detected at a significant concentration within the intermetallic reaction layers in any of the welds, indicating that of the all the alloying elements present only zinc had a significant solubility in the Al-Fe IMC phases.
When the welding time was increased above 1.5 seconds, further differences were observed with respect to the two aluminum alloys used to produce the two sets of dissimilar welds (Figure 8 ). In the AA6111-DC04 joints, a large number of IMC particles were found embedded in the aluminum alloy matrix some distance from the weld interface. EDX point analysis revealed that the compositions of the iron rich particles were consistent with the presence of the h (FeAl 3 ) phase. This was also confirmed by EBSD phase identification mapping, as shown in Figure 6 (a).
In comparison with the AA7055-DC04 joints, two additional features were found near the join line: namely voids that appeared in the aluminum matrix close to the IMC layer (Figure 8(b) ) and local regions with eutectic rich, dendritic microstructures, which are indicative of partial melting occurring in the aluminum alloy near the weld interface (Figure 8(b) ). These two types of feature were found only in the central region of each weld, where the highest peak temperatures were reached. [5] However, far fewer embedded FeAl 3 particles were found in the aluminum matrix in the AA7055-DC04 welds and no evidence could be found for incipient melting occurring in the welds produced with the AA6111-DC04 material combination. 
Thermodynamic modeling
Ultrasonic welding is a very rapid process where kinetic considerations can potentially play a role in determining the IMC phases that form at the weld interface. Modeling was therefore used to see if the phases identified in the experimental results were consistent with those expected from their relative thermodynamic stability, within the material couples studied. Results from predictions made by the CAL-PHAD method, using CompuTherm LCC's Pandatä software with the database PanAl2013, are provided in Figure 9 . Example isopleths are shown, as a function of iron content, calculated at close to the peak welding temperature of 773 K (500°C) for the binary Al-Fe system and compositions equivalent to when DC04 steel is welded to each of the AA6111 or AA7055 aluminum alloys investigated. Several important points emerge from these calculations. Firstly, the stable composition ranges of the Al-Fe IMC phases are not greatly influenced by the additional elements present in the alloys investigated, relative to those in the binary system. Secondly, although both h and g are predicted to be the thermodynamically stable in all cases (Figures 9(a), (b) and (c)), FeAl 2 and FeAl are also expected as equilibrium phases around the composition ratios of 66:34 and 52:48 (Al:Fe at.), respectively. Thirdly, zinc is predicted to have a solubility larger than 10 wt pct in the g and h phases according to the Fe-Al-Zn ternary phase diagram [30] and when added to the binary Al-Fe system at the levels found in the AA7055 alloy (~8 wt pct), no ternary Al-Fe-Zn phases are predicted. Finally, in the calculation for the AA7055-DCO4 combination in the 773 K (500°C) section, a liquid phase can be seen to appear and the incipient melting point in the AA7055 alloy is predicted to be as low as 760 K (487°C).
Lap shear testing
Lap shear tensile testing was used to measure the weld's failure loads and failure energies, as a function of welding time, for the two material combinations studied. Prior to testing, the welds were aged to T6 tempers to obtain maximum strength from the aluminum parent materials, so that the results would represent the worst case scenario, in terms of the stress experienced by the weld interface.
The failure load and fracture energies for the joints after aging are shown in Figure 10 . As the welding time increased from 0.3 to 1.5 seconds, the failure load for the AA6111-DC04 joints rose from 2.4 kN to a maximum level of 3.2 kN. Longer welding times resulted in a progressive reduction in failure load to just below 3 kN for the longest time studied, of 2.4 seconds. The fracture energies for the AA6111-DC04 joints showed a similar pattern, peaking after a welding time of 1.5 seconds, before decreasing again at longer times. In comparison, the AA7055-DC04 joints showed a similar response, in terms of the optimum welding time, but the peak failure load was always approximately 5 pct lower than for the AA6111-DC04 welds and the fracture energy was less than half that for the welds produced with the lower strength aluminum alloy.
Examples of fracture surfaces from the peak strength lap shear tests, produced with a welding time of 1.5 seconds, are shown in Figure 11 . The macroscopic images (Figures 11(a) to (d) and (g) to (i)) confirm that an interface, or near interface, failure occurred in all the welds produced with both material combinations. More detail of the fracture surfaces can be seen in the higher magnification SEM images from both the steel and aluminum sides of each joint shown in the accompanying figures. Example results of EDX composition point analysis of different areas of the fracture surfaces are also shown in Figure 11 . With the AA6111-DCO4 joint fracture surfaces (Figures 11(b), (c) , (e), and (f)), the different contrast and EDX analysis revealed the presence of two distinct regions on each surface. The majority of the steel and aluminum sheet surfaces had an iron/aluminum composition ratio of 75/25, which suggests that the fracture occurred predominantly in the h (FeAl 3 ) intermetallic layer. However, a significant surface area of local patches of aluminum was also found on the steel fracture surface, (Figure 11(b) ), suggesting that thin pieces of aluminum had been pulled out of the aluminum sheet close to the interface. These regions clearly showed evidence of ductile failure and this was probably responsible for the higher fracture energy seen for this weld combination (Figure 11(c) ).
In contrast, the fracture surfaces of the AA7055-DC04 joints revealed an entirely brittle behavior (Figures 11(g) to (l) ). With these welds no aluminum was found adhered to the steel fracture surfaces, which appeared to be entirely covered with an IMC layer of composition consistent with the h phase, apart from a low fraction of lighter contrast areas that EDX analysis revealed to be exposed steel, suggesting that no bonding had taken place in such regions, or the IMC layer had been pulled off the steel surface. In comparison, in these welds, few IMC areas could be detected on the fracture surface of the aluminum side of the joints, suggesting that failure occurred at the interface between h (FeAl 3 ) phase and stronger aluminum alloy (Figures 11(k) and  (l) ). Some areas were also detected with high zinc content, that may correspond to the locally melted eutectic regions noted above.
IV. DISCUSSION
In USW welding, high-strain local deformation first initiates from friction between the two sheet weld members at contacting asperities on their microscopically rough faying surfaces, under the action of the clamping force and high-frequency vibration, which creates a cyclic shear displacement across the weld interface. [9] Energy is initially dissipated by sliding friction, but galling and 'microwelding' rapidly occurs due to local breakdown of the oxide coating at abrading surface asperities, which allows metallic bonds to be formed between the two sheets. Energy is then dissipated at a greater rate by plastic deformation, [9] leading to a rapid temperature rise when a high power is used. Contact then spreads across the interface as the material softens with increasing temperature and deforms more easily under the applied pressure, so that the microwelds increase in density and expand across the interface as welding progresses. [9] However, because USW involves the progressive development and coalescence of microwelds, a small fraction of un-welded interface is usually left at the end of the process. [9] For example, in this work EDX analysis revealed small exposed patches of steel on the fracture surfaces of some of the welds, suggesting that some regions remained where no bonding had taken place. In similar welding, with increasing welding time, the interface also becomes displaced and convoluted by the extensive plastic flow that occurs. [9, 31] In conventional, similar USW, the weld strength therefore increases with welding time as the density of microwelds increases, but also goes through an optimum because the joint strength is ultimately limited by nugget tear-out and with long welding times thinning of the weld area occurs as the sonotrode tips progressively sink into the sheet surfaces when the temperature rises. [9] When ultrasonic welding dissimilar materials with low and high melting point, like aluminum and steel, the aluminum alloy deforms predominantly in the welding process [5, 6] as it softens much more dramatically with increasing temperature, while the steel sheet remains relatively undeformed, leading to only a very low displacement of the weld interface. [5, 6] In the first stage of welding, microwelds are thus first formed when the oxide film breaks down locally by abrasion of asperities on the steel surface. Inter-diffusion of aluminum and iron will then occur, which can lead to the formation of intermetallic reaction products at the joint interface. The reaction layer would therefore be expected to develop simultaneously with the welding process and, despite being relatively thin compared to that seen in fusion welding, the brittle nature of the IMC layer that forms can still dominate the failure behavior seen in the lap shear tests.
With both material combinations studied, the formation and subsequent growth of the intermetallic phases produced by the reaction between ferrite and aluminum at the joint interface behaved similarly. The IMC reaction itself can be divided into three stages. In the initial stage of welding (<0.5 s), isolated IMC islands were formed on the steel side of the interface ( Figure 5 ). This first stage occurred extremely rapidly when the temperature was still increasing (Figure 2 ). In the next stage, lateral growth of the IMC islands took place until they merged to form a continuous layer with a thickness of around 0.4 lm. This occurred in the following 0.2 to 0.5 seconds of welding, where the temperatures approached a plateau value of around 773 K (500°C). In the final stage, the now continuous IMC layer continued to grow into both metals, but more rapidly into the aluminum sheet, and a second intermetallic phase formed as a continuous sub-layer on the aluminum side of the joint, leading to the dual-layer structure seen in the welds produced with the longest welding times. In addition, in the welds produced for longer times with the AA6111 material the thicker reaction layers became damaged by the USW process (Figure 8(a) ), resulting in the dispersal of IMC particles in the softer aluminum side of the joint, and in the welds made with the lower melting point AA7055 alloy, the high interface temperatures reached [>773 K (500°C) Figure 2 ] caused some incipient melting at the joint interface.
A. Development of the IMC Layer at the Joint Interface
In the early stage of joining, discontinuous IMC islands were observed to form heterogeneously in local areas along the joint interface, and thus probably developed within the microweld regions that first formed when welding was initiated. The first intermetallic compound to nucleate within these reaction centers was identified to be g (Fe 2 Al 5 ) phase ( Figure 5(b) ). As welding continued, the growing density of microwelds expanded the area of metallurgical contact and this would contribute to a more uniform development of reaction islands over the whole weld region. When combined with lateral spreading of the reaction centers, this would quickly lead to the development of a continuous IMC layer at the weld interface ( Figure 5(c) ). Lateral growth of the IMC islands along the joint interface would also be facilitated by interfacial diffusion and the high-strain-rate deformation experienced by the aluminum alloy under USW conditions that has been shown to increase its vacancy concentration. [5, 6] Once the IMC islands merged, and a continuous reaction layer had formed; TEM and EBSD investigation revealed the development of a second IMC layer consisting of h (FeAl 3 ) phase on the aluminum side of the joint (Figures 5(d) , (f), and 6(a)). For both material combinations, these two phases were the only IMCs detected, which is consistent with previous studies of Al-Fe weld couples. [2] [3] [4] [5] [6] [12] [13] [14] [15] [16] CLPHAD calculations ( Figure 9 ) showed that these compounds are the most stable phases predicted within the composition ratios (at.) of Al to Fe of 71:29 to 74:26 and 75:25 to 78:22, for g and h respectively, but they are not the only stable IMCs in the Al-Fe system. At the weld temperature, the FeAl 2 and FeAl phases were also predicted to be stable around the (atomic) composition ratios of Al to Fe of 66:34 and 52:48, respectively. However, these phases have only been previously observed in dissimilar Al-steel diffusion couples after long-term heat treatments, [27] so it can be concluded that they did not form under the rapid USW conditions used in the present work for kinetic reasons.
The observation that g is normally the first phase seen to nucleate in Al-steel dissimilar welds is probably partly because aluminum has a higher diffusion rate in Fe than Fe in Al, leading to ferrite at the contact surface becoming more rapidly supersaturated in aluminum, than the aluminum in iron, which would favor a phase first forming that has a higher Fe-to-Al ratio. However, it has also been suggested that this maybe because g has a crystallographic habit orientation with ferrite [4] which would favor a lower activation energy for nucleation. It has also been proposed that more rapid growth of g can occur because it has a high density of vacant sites within its crystal structure along [001] c-axis ([001] direction), [4] which would become particularly important when it forms a continuous layer across the interface as it will then effectively act as a diffusion barrier. The present work also shows that the g phase grew with its [001] direction preferentially aligned normal to the interface, as has been previously reported, [4, 12, 16] which is parallel to the diffusion flux across the interface layer. The EBSD data also suggested that the h phase had a preferred orientation normal to the interface, although to our knowledge this has not been previously reported (Figures 6(b) and (c) ). The fact that both the g and h phases formed a fine columnar grain structure (Figure 6(a) ) will also further increase the flux of atoms through the IMC layer by grain boundary diffusion. [21, 32] As a continuous IMC phase thickens, the concentration gradients driving diffusion through the layer will reduce and at some critical point it will become more favorable for a phase with a different stoichiometry to nucleate. [9, 20, 32, 33] The next phase observed to develop was h (FeAl 3 ), which formed on the aluminum side of the joint in both material combinations, owing to its higher aluminum to iron ratio. This phase has also been observed in other studies on dissimilar welding of aluminum and steel. [32] In the AA7055-DC04 combination, the base aluminum alloy had a relatively high zinc content of 8 wt pct. Consistent with our observations, thermodynamic modeling has shown that no ternary Al-Fe-Zn compounds are expected at this zinc level, although zinc was detected by EDX in the TEM to dissolve into the g and h phases at a similar level of 1 to 2 at. pct ( Figure 7(c) ). A range of ternary phases can form at higher zinc ratios, but these are predicted to be well outside of the range of the zinc level present in a conventional aluminum alloy. [23] The average IMC layer thickness was, however, observed to be thicker in the welds produced with the zinc-containing AA7055 aluminum alloy (Figure 4(a) ). Although the differences in peak temperatures reached between these two sets of welds were very small (<1 pct), due to uncertainty in the temperature measurements and damage to the IMC layer disproportionally affecting the layer thickness in the case of the AA6111 and DC04 welds, long duration isothermal treatments at 723 K (450°C) were also performed on samples pre-welded for 1 second. These results are given in Figure 4 (b) and clearly show that under more controllable conditions the IMC layer thickened at approximately twice the rate in the zinc-containing AA7055-DC04 weld combination, relative to in the zinc-free AA6111 and DC04 welds. It is therefore likely that the small concentration of zinc dissolved into the IMC phases is linked to this increased growth rate, but the exact mechanism still requires further investigation.
When the AA6111 and DC04 sheets were welded for longer than 1.5 seconds, a large number of small fragments of h phase were found distributed in the aluminum alloy near the interface. The high cooling rates in the welding cycle suggest that it is unlikely that these particles could have formed by precipitation. This behavior can therefore be attributed to the high-frequency cyclic shear that is imposed across the weld interface in USW, which damaged the outermost IMC layer as it grew into the aluminum material near the weld interface. [7] [8] [9] In high power ultrasonic spot welding of dissimilar metals, material flow and extensive deformation are known to occur in the softer weld member within a highly deformed layer near the weld line. [5, 6] This intense deformation would have fractured IMC grains that protrude ahead of the transformation front and incorporated the debris into the aluminum sheet. As few IMC particles were found in the AA7055-DC04 joints and this suggests that less damage occurred to the reaction layer in this weld couple.
This difference in damage to the IMC layers seen in the two sets of materials can be related to the observation of local melting in the AA7055-DC04 welds, which will limit shear transfer at the join line and thus reduce fracture of IMC grains growing in the reaction layer. The melting point of the AA7055 alloy was predicted to be about 760 K (487°C). Thermocouple measurements have shown that at the weld center this temperature was exceeded within a welding time of 1 second and reached nearly 803 K (530°C) after a welding time of 2 seconds. The presence of a liquid phase could also have significantly affected the IMC growth rate in the AA7055-DC04 welds at long weld durations.
B. Relationship Between Interfacial Microstructure and Mechanical Properties of the Joints
Without achieving a high-energy nugget pull-out fracture behavior, a spot weld will not be fit for purpose in a safety critical application. Form the above discussion, it is apparent that when ultrasonic welding dissimilar metals that can form IMCs by inter-diffusion and metallurgical reaction, there is competition between the formation and spread of microwelds across the joint interface, which increases the bond strength, and the coalescence and thickening of the IMC reaction layer, which will encourage a brittle interface failure. [5, 6] Unfortunately, in the welds produced in this study, failure always occurred close to, or through, the weld interface. Previously it has been found that when ultrasonic spot welding medium strength aluminum alloys, like AA6111 to steel sheet, with the same welding setup to that used here, it was possible to obtain pull-out failures under optimum welding conditions. [5, 6] However, in this work, the welds were shear tested with the aluminum sheet in a weaker T4 temper condition and lower weld strengths (2.8 kN) were achieved than have been obtained in the present study. In this prior investigation [6] , it was also found that the failure process reverted to interface failure at longer welding times when the IMC layer became thicker. Surprisingly, the weld failure energies for the optimum (pull-out) condition in this earlier work were only 25 pct greater (~4 kN mm [6] ) than those measured for the AA6111-DC04 welds in the current investigation, and this reflects the lower strength condition of the aluminum sheet used previously, as well as the fact that (as will be discussed below) the failure process seen here in this material combination was not purely through the brittle IMC layer.
When measured after aging the aluminum alloys to stronger T6 tempers, in the present study, the welds showed failure loads of over 3 kN at an optimum time of 1.5 seconds (Figure 10 ). In comparison, the highest fracture energy obtained for the AA6111-DC04 combination was 3.2 kN mm, whereas for the AA7055-DC04 welds it was only 1.7 kN mm. For the AA6111-DC04 welds, this is about 40 pct of that measured for the equivalent similar aluminum-aluminum welds, which exhibit nugget pull-out by the more energy-intensive process of ductile tearing. [6] The lower failure energies seen in the present study, and in particular with the AA7055-DC04 welds, are due to crack propagation occurring predominantly through the brittle IMC layer at the weld interface. It should be noted that in the prior study, which tested the AA6111 alloy in a weaker T4 condition, fracture also occurred along the interface in the IMC layer when it grew thicker at longer welding times. [6] The higher strength of the aluminum materials tested here has therefore had the effect of tipping the balance back in favor of interface failure, owing to the higher loads that are transmitted across the joints before yielding occurs. In the present work, fractography ( Figure 11 ) suggests that fracture occurred mainly through the IMC layer, or at the interface between h phase and aluminum matrix. There was thus a tendency for the weld strength to decrease with longer welding times when the IMC layer became thicker. [5, 6] In the fractured AA6111-DC04 samples, a significant total area of patches of aluminum were, however, found adhered to the steel sheet, which in places covered up to 45 pct of the fracture surface. At these locations, the fracture surfaces showed evidence of the ductile tearing out of thin pieces of aluminum from near the join line. This behavior was probably encouraged by the high density of brittle h phase particles embedded in the AA6111 side of the joint, due to the partial break-up of the IMC layer in these samples. The height of the adhered aluminum patches (~7 lm) was measured to be similar to the depth the brittle h phase particles were embedded within the aluminum sheet when the IMC layer partially broke up during the welding process (Figure 8(a) ), confirming this view. This mixed fracture behavior was thus responsible for the surprisingly high failure energies seen for the AA6111-DC04 welds, despite the fracture path following quite close to the weld interface.
In contrast, despite being produced with a much stronger parent material, the AA7055-DC04 welds showed a slightly lower strength in the lap shear tests and a much lower fracture energy of less than half that of the AA6111-DC04 samples. This difference is clearly associated with the more brittle interface fracture seen in the AA7055-DC04 weld samples, when lap shear tested ( Figure 11 ) which is partly related to the thicker reaction layer found in this system. However, the stronger AA7055 aluminum sheet would also transmit a higher load to the joint interface. In addition, with the AA6111-DC04 samples, the weaker outer layer h IMC grains, that were more prone to fracture/debonding in the AA7055-DC04 welds, were already selectively dispersed into the aluminum matrix by the greater damage induced to the IMC layer by the USW welding process. For the AA7055-DC04 welds, it is also likely that the local melting behavior and associated porosity seen at the join line reduced the interface strength.
V. SUMMARY AND CONCLUSIONS
The present study has investigated the influence on weld performance of the formation and growth stages of the IMCs formed at the interface in joints produced between a DC04 steel and two different aluminum alloys (AA6111 and AA7055) by high power ultrasonic spot welding (USW).
By optimizing the welding time, attractive joint strengths could be achieved by USW. However, no suitable process window was found that could produce welds with a nugget pull-out failure mode, using the current welding procedure. In all cases, the fracture path was through the weld interface region. A purely brittle fracture, at the interface between the aluminum alloy and the IMC reaction layer, was seen in the AA7055-DC04 welds, whereas a higher energy mixed mode failure was found in the AA6111-DC04 combination.
In the high power USW process studied, the temperature was found to rise rapidly, reaching 773 K (500°C) within 1 second, which encouraged IMC formation and led to incipient melting at the weld interface with the AA7055 alloy.
In both material combinations, a similar sequence of Intermetallic compound formation was observed during the welding cycle. g-Fe 2 Al 5 was found to be the first IMC phase to nucleate, within a welding time of only 0.3 seconds, as isolated islands heterogeneously distributed at the weld interface. These early reaction centers were formed within the microweld regions that first develop at initial asperity contact points across the joint interface. The IMC islands then spread to form a continuous layer in both material combinations, by a welding time of 0.7 seconds. With longer welding times, a second IMC phase, h-FeAl 3 , was seen to develop on the aluminum side of the joints.
The reaction layer in the AA7055-DC04 welds was found to grow thicker than in the AA6111-DC04 samples in both as-welded and as-annealed states and this may be related to the dissolution of zinc into the IMC layer. Thermodynamic modeling showed that no zinc-containing IMC compounds are expected in the welds produced with the AA7055 alloy.
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